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ABSTRACT: A stochastic Monte Carlo approach, based on the kinetic theory of fracture, has been used 
to study the axial maximum tensile strength of polymer fibers. The approach is entirely microscopic and 
the inhomogeneous distribution of the external stress among atomic bonds near the chain ends is explicitly 
taken into account. Both primary and secondary bonds are assumed to break during fracture of the polymer 
fiber. The approach has been applied to perfectly oriented and ordered polyethylene fibers, for which 
approximate values of the model's parameters were obtained from experiment. Stress-strain curves have 
been calculated for several fibers of various (monodisperse) molecular weights and predictions for the tensile 
strength have been compared to experimental values. 

1. Introduction 
Values of the maximum tensile modulus have been 

measured or calculated for many polymers' and have 
proven to be very useful in setting goals for polymer ma- 
terials r e ~ e a r c h . ~ - ~  The maximum tensile strength of 
polymers is a less satisfying issue. Some authors, with 
widely different results, have addressed the theoretical 
ultimate breaking stress of single  chain^.^-^ Such treat- 
ments, however, are only of value for hypothetical speci- 
mens comprising infinitely long chain molecules and are 
not necessarily relevant for finite molecular weights. Ex- 
perimental tensile strength data, obtained for drawn fibers, 
have been extrapolated to infinitely small fiber diameter8 
and this procedure has led sometimes to agreement with 
some of the above-mentioned values for the breaking stress 
of a single chain. Some attempts have been made to de- 
scribe the development of tensile strength with draw ra- 
tio9J0, and purely empirical extrapolations of the tensile 
strength to the theoretical modulus have also been re- 
ported."J2 Despite various theoretical and some empirical 
efforts, no relation for relatively simple issues such as the 
effect of the molecular weight on the maximum tensile 
strength has appeared in the polymer literature, other than 
Flory's expre~sion'~ for the tensile strength of cross-linked 
isotropic rubbers. All in all, the maximum tensile strength 
of polymeric materials of finite molecular weight and the 
relation to the ultimate breaking stress of infinitely long 
chains remains an obscure, ill-understood topic. 

A theoretical study of the tensile strength of polymer 
fibers is an extremely complex problem. Many structural 
parameters, such as amorphous defects, trapped entan- 
glements, chain ends, misalignment, etc., need to be con- 
sidered. In fact, a detailed knowledge of the fiber structure 
is required on a molecular level. But, even in the presence 
of such information, a theoretical treatment of the tensile 
properties remains an enormous task. For that reason, all 
previous theories have made many simplifying assumptions 
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with regard to the structure and the failure mechanism. 
For example, classical continuum mechanics, e.g., Grif- 
fith-type approaches,14 fail to take into account the inho- 
mogeneous nature of the structures of interest. Kinetic 
theories of fracture commonly focus on only one mode of 
failure, Le., merely primary bond breakage,15J6 or pure 
slippage,"J8 while both mechanisms are known to operate 
during fracture of polymer fibers.lg Other kinetic theories20 
ignore the important contributions of the intermolecular 
interactions altogether. 

Due to the complexity of a general theoretical treatment 
of the strength of polymer fibers, the present study is 
restricted to the case of ideal fibers made of a perfectly 
ordered array of fully extended macromolecules, with no 
defects other than chain ends resulting from finite mo- 
lecular weight. As such, the study deals with the maximum 
axial tensile strength, which is of obvious interest, much 
like the knowledge of the theoretical modulus has proven 
to be. The present approach, which is based on the kinetic 
theory of fracture, is entirely microscopic and the inho- 
mogeneous distribution of the external stress among at- 
omic bonds near the chain ends is explicitly taken into 
account. The bonds are viewed as coupled oscillators in 
a state of constant thermal vibration. The basic events 
are controlled by thermally activated bond breakage and 
the accumulation of those events leads to crack formation 
and, ultimately, to the breakdown of the fiber. The bond 
breakages are simulated by a Monte Carlo process on a 
three-dimensional array of nodes, representing the ele- 
mentary repetition unit of a polymer. These nodes are 
joined in the x and z directions by weak secondary bonds, 
e.g., hydrogen or van der Waals forces, whereas in the y 
direction, stronger bonds account for the primary (C-C) 
forces. Our model thus resembles that of Dobrodumov and 
El'yashevitch2l except for the fact that, in the latter, it was 
assumed that only primary bonds can break. Here, in 
contrast, we allow fiber fracture to proceed by the breaking 
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Figure I. Two-dimensional representation of the array of nodea 
and of bonds. K ,  and Kz are the elastic constants for the primary 
and for the secondary bonds, respectively. 

of both primary and secondary bonds. 
This approach has been applied to perfectly oriented 

and ordered polyethylene for which approximate values 
of the model's parameters can be obtained from experi- 
ment. With the help of ow zero-parameter model, we have 
calculated the stress-strain curves for several fibers of 
various (monodisperse) molecular weights, and predictions 
for the tensile strength have been compared to extrapo- 
lated experimental values. 

2. Stochastic Model 
In the kinetic theory of fracture, a bond in the absence 

of external mechanical forces breaks whenever it becomes 
excited beyond a certain level, U, the activation energy of 
the bond. For molecular chains in the process of being 
strained, there is overriding experimental evidence from 
infrared studiesz2 that the activation energy barrier is 
linearly decreased by the local stress. Thus, in the presence 
of stress, the rate of breakage of a bond i is given by 

(1) 

where r is the thermal vibration frequency, T i s  the (ab- 
solute) temperature, pi is an activation volume whose linear 
dimension is of the order of the bond length, and ui is the 
local stress 

(2) 
Here, Ki and ti are the elastic constant and the local strain, 
respectively. Note that, strictly speaking, the bilinear form 
flu should be a scalar. However, this is of little concern 
to the simulation, for which real numbers are substituted 
for the products pu. 

The above kinetic model has been simulated on a 
three-dimensional (xy.4 array of up to 6 X 6 X loo0 nodes 
representing the elementary repetition units of the polymer 
chains. (For very long chains, each node is made to cor- 
respond to more than one repetition unit; see section 4.) 
The number of chains per cross-sectional area thus 
amounts up to 36. The nodes are joined in the r and z 
directions by secondary bonds, e.g., hydrogen or van der 
Waals forces, having an elastic constant K,. Only near- 
est-neighbor interactions are considerded. In the y di- 
rection, stronger forces with elastic constant K ,  account 

ui = T exp[(-Ui + &u;) /kr]  

(I. = K.*. 
L I  
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for the primary (C-C) bonds. A two-dimensional repre- 
sentation of the array of nodes is given in Figure 1. In 
the absence of stress, the nodes are in contact with each 
other along they  axis so that the length of a node actually 
represents the length of an unstrained C-C bond. We 
assume these nodes to be incompressible. For simplicity, 
we also assume that the displacements of the network 
nodes along the coordinate axes are mutually independ- 
entzl and we focus on the displacement along t h e y  axis, 
along which the fiber is strained. Thus, the strain values 
6 (see eq 2) are for elongations along the y axis and they 
represent either an axial tensile strain (for primary bonds) 
or a shear strain (for secondary bonds). These strain values 
are in percent of the length of a node along the y axis. 

The simulation is started from an unstrained array in 
which all the bonds are unbroken, except for few broken 
C-C bonds along they  axis, which account for the finite 
molecular weight of the polymer chains. The unbroken 
bonds are visited at random by a Monte Carlo lottery that 
breaks a bond according to a probability 

pi = Ui/UIn.. (3) 

where u,. is the rate of breakage of the most strained bond 
in the array. After each visit of a bond, the "time" t is 
incremented by l /[u-n(t)] ,  where n(t)  is the total number 
of intact bonds a t  time t. After a small time interval 6 t  
has elapsed, the bond-breaking process is stopped. Of 
course, 6t must be chosen much smaller than the shortest 
time for a single bond breaking; i.e., 6t << l /u -  This has 
led us to take 6t = 0.01 s, which was found to be sufficiently 
small to ensure that our results are 6t independent. The 
sample is then strained along they axis by a small constant 
amount and the network is relaxed to its minimum-energy 
configuration, using the method described in section 3. 
This leads to displacements of the nodes along they  axis. 
After that step, secondary bonds are allowed to re-form 
between nodes coming in perfect register to each other, to 
within a small error 6y." The alternation of breaking and 
relaxation steps for the secondary bonds should be 
equivalent to the use of a sinusoidal potential for the shear 
forces. Primary covalent bonds, however, are assumed not 
to re - f~rm.~ '  The system is then relaxed again and the 
axial stress at one end of the "fiber" is calculated. The 
Monte Carlo process of bond breaking is then restarted 
for another time interval 6t .  And so on and so forth until 
the sample breaks. This procedure, performed a t  a con- 
stant strain rate, yields a stress-strain curve, the maximum 
of which is referred to as the maximum tensile strength 
of the fiber for a given molecular weight under specified 
"test conditions". 

Results of a simulation for a two-dimensional r-y array 
are illustrated in Figure 2 for a low (case a) and for a high 
(case b) elongation, respectively. Cylindrical boundary 
conditions along the x axis were imposed. Note the de- 
velopment of a large fracture focus in Figure Zb, which 
appears as a result of an acceleration of its growth due to 
the high concentration of stresses a t  its boundary. 

3. Relaxation Method 
The relaxation of the system to its minimum-energy 

configuration is realized in a sequence of steps. A t  each 
step, a node i is visited and its y ordinate is adjusted so 
as to to bring to zero the net residual stress ( r )  

ri = .E +K,tj + X &ri. (4) 
bonds j nodes i' 

acting on that node. The first term on the right-hand side 
of eq 4 is due to the elastic stress acting on the bonds j 
originating from node i, with $ j  = 1 or +j = 0 depending 
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on whether bond j is intact or broken. Also, K, = K1 and 
K, = K z  for a primary and for a secondary bond, respec- 
tively. el is the local strain measured by the difference in 
they coordinates of the two ends of the bond. That latter 
value is in percent of the length of a node. The second 
term on the right-hand side of eq 4 accounts for the ex- 
ternal forces acting on node i when in contact with any of 
its two neighbors i' along the y axis. Indeed, we recall our 
assumption that the nodes are incompressible, i.e., that 
the length of a C-C bond cannot be decreased below its 
equilibrium value in the absence of stress. Of course, 
= 1 or tIt = 0, depending on whether contact with node i' 
is made or not. 

It is important to note that bringing to zero the residual 
stress rr for a node often results in an automatic increase 
of (the absolute value of) the residuals for the neighboring 
nodes. Therefore, the liquidation of all the residuals in 
the array is a very computer time-consuming process. For 
that reason, the liquidation of the residuals has been 
performed by using two well-known computational de- 
v i c e ~ , ~ ~  which considerably speed up the convergence of 
the calculations. The first device, known as overrelaxation, 
consists of not just reducing to zero the residual rr for a 
node but, instead, deliberately going further to give to rL 
a sign that is opposite that of the residuals for the neigh- 
boring nodes. The second, and more important, device is 
known as block relaxation and consists of adjusting the 
ordinates of more than one node at  a time. Relaxation of 
the system using the above two devices was considered to 
be completed when the largest residual stress for a node 
fell below a few percent of the average stress for a bond. 

4. Results: Application to Polyethylene 
The stochastic model described in sections 2 and 3 has 

been applied to a hypothetical structure of perfectly or- 
iented and ordered polyethylene, for which approximate 
values of the parameters in eq 1 and 2 are available. For 
secondary bonds the shear modulus K2 = 3 GPaz6 and we 
took U = 0.65 kcal/mol with p = (2.5 A)3; for primary 
bonds the axial modulus K1 = 300 GPa,z6 U = 25 kcal/ 

= (1.54 A)3. The atomic vibration 
frequency 7 was chosen equal to lo1' s-l a t  T = 300 K. 
Thus, there are no free parameters in the model. Ad- 
mittedly, the literature reveals a relatively wide scatter in 
the values for these parameters. Our value for U of the 
primary bonds of polyethylene is low compared to disso- 
ciation energies of -80 kcal/mol commonly attributed to 
the C-C bond. However, the choice U = 25 kcal/mol is 
motivated by the fact that the latter value, reported in ref 
22, has been obtained from a thermal fluctuation approach 
to fracture, like the pre~ent .~ '  Note also that activation 
volumes are rather difficult to measure experimentally and 
the selection U = 25 kcal/mol is further consistent with 
taking the lowest value, p = (1.54 for the activation 
volume of the C-C bond. That uncertainty in the ex- 
perimental data has led us to investigate the sensitivity 
of the calculated tensile strength to the values chosen for 
the parameters. It was found that the maximum stress is 
not appreciably affected by an increase or a decrease of 
T by a factor of 10. Neither does it change significantly 
when taking U = 80 kcal/mol together with p = (2.75 AI3 
for primary bonds. A choice U = 80 kcal/mol with p = 
(1.54 A)3 leads to notably higher values of the strength only 
at M > 2 x 105 (see Discussion). Finally, it should be noted 
that, for reasons of computational time and memory, an 
important structural assumption was made in the appli- 
cation of our model to polyethylene. Namely, in the model, 
the coordination number in the x-z plane is 4, whereas the 
central chain in the crystalline orthorhombic polyethylene 

and we chose 

148 

a b 

Figure 2. Results of the simulation for a two-dimensional array 
of 20 X 100 nodes: case a, 150% strain; case b, 300% strain. The 
probabilities for breaking primary and secondary bonds in these 
highly stretched samples were chosen equal to exp(c2) for sim- 
plicity. Cylindrical boundary conditions along the x axis were 
imposed. 
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Figure 3. Streas-strain curves calculated for several polyethylene 
fibers of various (monodisperse) molecular weights. The strain 
rate is 100% /min. Three-dimensional simple cubic arrays of up 
to 6 X 6 X lo00 nodes were used in the simulations. Cylindrical 
boundary conditions along the x axis were imposed. Curves for 
M = 2.2 X lo4 and M = 8.2 X 104 have not beed calculated in their 
entirety, due to a lack of computer time. The dashed line indicates 
a slope equal to  the theoretical modulus (=300GPa). 

unit cell has four chains a t  a distance of 4.4 A and two 
neighbors at 4.8 A. It  is therefore obvious that the results 
presented in this section should not be interpreted too 
quantitatively. Rather, they should be taken as expected 
trends. 

A set of stress-strain curves was calculated for various 
(monodisperse) molecular weights ranging from 3 X lo2 
to 3 X lo5. The upper limit was set by the availability of 
computer time and memory. At high molecular weights, 
the following renormalization scheme has been adopted. 
Nodes were made to correspond to m > 1 methyl groups 
each, and the m secondary bonds linking two neighboring 
nodes were broken in groups of 25 units at a rate given by 
eq 1 and 2, with U = 25 X 0.65 kcal/mol, Kz = 25 X 3 GPa, 
and 7 and p having the same value as for a single secondary 
bond.28 (For m < 25, the secondary bonds were broken 
in groups of five units.) Three-dimensional (simple cubic) 
arrays of up to 6 X 6 X 1000 nodes, with cylindrical 
boundary conditions along the x axis, were used in the 
simulations. The “test samples” comprised 36 chains per 
cross-section and had a length of -16 chains. Increasing 
the number of chains per cross-section to 64 at the expense 
of a reduction of the length did not affect the results of 
the calculations, nor did the opposite operation. These 
observations indicate that our system is sufficiently ho- 
mogeneous for the qualitative purposes of this work. 

The stress-strain curves obtained for several fibers of 
various (monodisperse) molecular weights at a strain rate 
of 100% /min are depicted in Figure 3. Curves a t  inter- 
mediate molecular weights have not been represented in 
their entirety, due a lack of computer time. The stress 
values are those for the average stress in the primary bonds 
located at one end of the fiber. At low molecular weights 
(M C 8 X lo4), the results show that intermolecular slip- 
page, involving rupture of secondary bonds, occurs in 
preference to molecular fracture (i.e., primary bond 
breakage). Under such circumstances, plastic deformation 
by flow is observed and the curves exhibit a bell shape with 
a very slow decrease of the stress toward the breaking point 
(see Figure 3, M = 5.6 X lo3). At high molecular weights 
( M  > 8 X lo4), we observe primary as well as secondary 
bond rupture and, as a result (see Figure 3, M = 3.3 X le), 
the fracture of the sample seems more of a brittle nature. 
This observation is more clearly depicted in Figure 4. In 
this graph, the changes of the average molecular weight, 
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Figure 4. Dependence of the average molecular weight on the 
strain for two of the experiments reported in Figure 3. The arrow 
indicates the maximum in the corresponding stress-strain curve 
(see Figure 3). 

monitored during the strain “experiment”, are plotted for 
two different cases (Minitid = 8.2 X lo4 and 3.3 X lo5). 
Interestingly enough, the high molecular weight 
“specimen” appears to fail first in a brittle manner and, 
second, in a creep-like mode due to the reduced average 
molecular weight. This will be commented upon in section 
5. 

Inspection of the stress-strain curves in Figure 3 also 
shows that the initial modulus of the sample is only weakly 
dependent on the molecular weight and it virtually can be 
considered to be constant (=300 GPa) for values of M > 
lo4. The strain at failure (Figure 3) is of the order of a 
few percent, corresponding to a time to fracture of 1-3 s, 
in excellent agreement with experimental results on highly 
oriented f iber~’ -~@l~ tested under similar conditions. 

Further study shows that the stress concentration factor, 
i.e., the ratio of the local stress and the mean stress, can 
attain values as large as 10, in good accordance with ex- 
perimental findings.22 Figure 5 shows the stress distri- 
bution for a high molecular weight fiber ( M  = 3.3 X lo5) 
slightly before ( t  = 2 s) and at ( t  = 2.4 s) the maximum 
in the stress-strain curve (see Figure 3). The stresses are 
in units of the average stress in the type of bond being 
considered. Inspection of the figure shows an important 
widening in the distribution function as the breaking point 
is approached. This again stresses the importance of a 
detailed microscopic approach to fracture, like the present, 
in which the inhomogeneous distribution of the external 
stress among atomic bonds is explicitly taken into account. 
Note, finally, the similarity of the curves in Figure 5 to 
experimental data reported in ref 22 for fracture of poly- 
propylene. 

Figure 6 shows the calculated dependence (on a log-log 
scale) of the tensile strength (maximum of the curves in 
Figure 3) on the molecular weight. Symbols indicate 
different values used in the simulation for the number m 
of methyl groups per node. The figure reveals that the 
results for the maximum strength a t  a given molecular 
weight are rather insensitive to the value chosen for m 
(provided that the number of nodes per chain is renor- 
malized accordingly). This leads to confidence in the va- 
lidity of our (admittedly crude) renormalization procedure. 
The tenacity/molecular weight curve in Figure 6 displays 
no simple power law dependency. Rather, the slope of the 
curve changes continuously. The lack of a simple relation 
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proceeds through slippage at  low molecular weights (M < 
8 X lo4); (4) chain fracture occurs a t  M > 8 X lo4; (5) at 
M > 3 X 105, failure predominantly involves chain fracture, 
whereas for 8 X lo4 C M C 3 X lo5, both creep and bond 
rupture occur; (6) straining at 100% /min results in failure 
within a few seconds at an elongation of a few percent; (7) 
the elongation at  break varies systematically with molec- 
ular weight and ranges from 1 to  5% for M = 6 X lo3 to 
5 X lo5; (8) the local stress concentration factor can attain 
values as high as 10; (9) there is no simple relation between 
the tenacity and the chain length due to changing modes 
of failure with molecular weight; (10) in the molecular 
weight range from 2 X lo4 to lo6, the tenacity varies with 
M approximately as u - iP4 (see Figure 5); and (11) 
extrapolation of the tensile strength to infinite molecular 
weight yields a value of about 24 GPa (at 8% strain), which 
lies within the range of previously reported calculations.“’ 
At this point, it is worth noting that the latter value, ob- 
tained with U = 25 kcal/mol and /3 = (1.54 A)3 for the 
primary bonds is also recovered with U = 80 kcal/mol and 
/3 = (2.75 A)3. However, taking U = 80 kcal/mol and /3 = 
(1.54 A)3 leads to an unrealistic&‘ ultimate tensile strength 
of -138 GPa (at 46% strain). We have also performed 
calculations in which the activation energy barrier U (see 
eq 1) is decreased by the elastic energy (force constant 
times square of displacement) stored in the bond. Taking 
for the C-C bond a force constant equal to K,A/r with an 
axial modulus K1 = 300 GPa, a chain cross-section A = 
18 A2, and a bond length r = 1.54 A leads to an ultimate 
tensile strength of around 42 GPa (at 14% strain). 

Each and everyone of these theoretical results can be 
readily substantiated with experimental data on highly 
oriented polyethylene fibers. It is well-known that low 
molecular weight polyethylene fibers exhibit creep during 
tensile loading.29 Also well established is that the modulus 
of drawn fibers of medium molecular weight depends 
primarily on the draw ratio and not sensitively on the chain 
length.30 Chain fracture during tensile tests of medium 
and high molecular weight polyethylene has been observed 
in electron spin resonance  experiment^.^' A host of ex- 
perimental data indicates that short-term (1-10 s) tensile 
fracture of highly oriented polyethylene fibers occurs at  
elongations of a few percentz4 and that the strain at break 
increases with increasing molecular  eight.^^,^^ Remark- 
ably, the empirical power law ( u  - M0.4) correlating the 
molecular weight with the tenacity of moderately oriented 
fibers (Young’s modulus = 50 GPa), found in an earlier 
experimental for 5 x IO4 < &fi, < 3.5 x lo6, is 
recovered in the present theoretical work, albeit for a 
perfectly ordered structure. These outstanding qualitative 
agreements between the model at  hand and the related 
experimental observations, in our view, greatly support its 
usefulness. 

With regard to quantitative predictions, i.e., the actual 
breaking stress and the molecular weights where the modes 
of fracture change, caution should be exercised. First of 
all, as was pointed out in the previous section, the values 
of the model’s parameters are not established with great 
accuracy. Moreover, a number of assumptions were made 
in the model, many of them to save computer time and 
memory. It is nonetheless tempting to compare some 
experimental values against the “predicted” tenacities. 
First of all, one should bear in mind that the present 
theoretical work concerns the maximum tensile strength, 
that is, the tenacity of a perfectly ordered, flawless 
structure of monodisperse macromolecules. Experimental 
results are available only for highly oriented fibers of 
heterodisperse molecular weight that have moduli lower 

\ 
I 1 

loo 3 

I 

O I L -  ,-L--L L U 1 U l d  i L L l l L L  -LA- _J 

102 lo3 io4 lo5 IO6 

Figure 6. Dependence of the strength (maxima of the curves in 
Figure 3) on the molecular weight for monodisperse polyethylene 
fibers. The symbols are for different values for the number m 
of methyl groups per node. (V) m = 5; (0) m = 25; (0) m = 100; 
(X) m = 200; (H) m = 400; (A) m = 800; (0) m = 1600; (A) m = 
3200. In order to speed up the calculations for the case m = 5, 
we took T = lo4. 

is clearly due to the molecular weight dependence of the 
modulus at  very low M (<lo4) and, a t  higher M ,  to the 
nature of the failure process, which gradually changes from 
slippage to chain fracture. 
5. Discussion 

The present kinetic model for fracture of perfectly or- 
dered and fully extended polyethylene chains has revealed 
the following results: (1) at very low molecular weights, 
the initial axial modulus depends on the chain length; (2) 
a t  M > lo4, the modulus is virtually constant; (3) failure 

MOLECULAR WEIGHT 
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than the theoretical values. For example, highly drawn 
polyethylene fibers nowadays are routinely p r o d ~ c e d ~ ~ ~ ~ ~ ’ ~  
with an axial Young’s modulus E of 100-150 GPa, u = 3-5 
GPa, and c = 3-5%. The weight-average molecular weight 
of the polymers used is typically in the range (1-5) X lo6. 
M,, is usually not reported but supposedly is of the order 
of (1-5) X 105. More recently, data have been publishedgJO 
on fibers with the following room temperature properties: 
E = 200 GPa and u = 7GPa for Mw = 2 X lo6. Assuming, 
to a first approximation, that the tenacity varies linearly 
with the modulus, all of these aforementioned values would 
correspond a t  K1 = 300 GPa to u = 10 GPa for perfectly 
ordered and extended polyethylene having a weight-av- 
erage molecular weight in the million range and a,, of the 
order of lo5. Inspection of the graph in Figure 5 shows a 
predicted value of u = 9 GPa and u = 13 GPa for, re- 
spectively, M = 2.5 X lo5 and M = lo6 (monodisperse). 
Previous extrapolations” of the tenacity of oriented fibers 
to a modulus of 300 GPa resulted in a value u = 8.5 GPa 
for A?w = 1.5 X lo6 and it& = 2 X lo5. The admittedly 
fortuitous, agreement between extrapolated tenacities of 
experimental fibers and the present calculations provides 
at least confidence with regard to the choice of the set of 
values for the model’s parameters. 

A few comments should be devoted to the size of the 
“test sample” in the present work. As was mentioned 
before, the sample typically comprised 6 X 6 X 16 chains. 
In comparison with the dimensions of experimental fibers, 
which usually contain (-2 X lo4) X (2 X lo4) X (2 X lo4) 
chains, our dimensions appear exceptionally small. The 
obvious question arises how changing the specimen size 
affects the calculations. After all, it is well-known that 
fiber length and cross-sectional area have a dramatic effect 
on its mechanical properties.% It  was pointed out in the 
previous section that our system appeared to be homoge- 
neous; i.e., no size effects were observed. The very strong 
dependence of sample size on the properties of actual fibers 
originates in the fact that fiber failure is commonly dom- 
inated by gross flaws.34 In the absence of such flaws, as 
in the present model, indeed no effect is expected. 

Finally, the shape of the stress-strain curves after the 
point of maximum stress (see Figure 3) deserves some 
discussion. These curves are typified by a rapid, but not 
sudden, decrease in stress with increasing strain. To our 
knowledge, such behavior is not commonly observed in 
tensile tests of high-modulus/ high-strength polyethylene. 
The latter display abrupt, catastrophic failure. The 
present work indicates that failure of high molecular 
weight specimens is accompanied by substantial chain 
fracture, which reduces the chain length (see also Figure 
4) to levels where chain slippage occurs. The calculated 
shape of the stress-strain curves is thus a logical and 
plausible consequence of the various modes of failure. One 
possible reason for the absence of such “tails” on the 
stress-strain curves of actual fibers is the difference in 
structure between the perfect model fibers and experi- 
mental filaments. The latter are known to contain some 
defects, apart from chain ends, the major one being trap- 
ped entanglements. Trapped entanglements provide lat- 
eral bonds in the fibers, which will reduce slippage. 

In summary, we have presented a kinetic approach to 
the fracture of a perfectly ordered and oriented polymer 
fiber. The model is microscopic in nature but is not 
burdened with the need to provide a detailed structure at 
the atomic level. Instead, the fiber is represented by an 
array of nodes joined by oscillating bonds, and bond- 
breaking events are treated as thermally activated pro- 
cesses. Our approach has been successfully applied to 
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oriented polyethylene filaments and both qualitative and 
(fortuitious) quantitative agreement between theoretical 
and related experimental observations has been found. 
The main disadvantages of our model are that it depends 
on parameters which may be difficult to measure or cal- 
culate for various polymers and that large amounts of 
computer time are required. For this reason, we believe 
that the model will probably be of more help in relating 
the physical characteristics of polymer molecules (molec- 
ular weight distribution, orientation, topology, etc.) to their 
ultimate mechanical properties than in relating chemical 
structure to them. 
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ABSTRACT The kinetics of the establishment of adsorption equilibria of polyacrylamide onto chemically 
modified glass beads was studied by a radioactive tracer method using 3H-labeled polymers. The adsorption 
rates were determined as a function of temperature and surface affinity by varying the surface density of 
the interacting sites. The experimental conditions were chosen to minimize diffusion effects. Quantitative 
analysis shows that adsorption is governed by the structure of the surface layer; in particular, the adsorption 
rate is proportional to the number of free interacting surface sites. The role of the diffuse polymer layer as 
a barrier rate-limiting factor is also discussed. 

Introduction 
In previous work we measured the rate of exchange of 

adsorbed 3H-labeled polymers with nonlabeled polymers 
in the bulk and analyzed the adsorption rates in the region 
of adsorption equi1ibrium.l In this paper, we discuss the 
factors involved in the establishment of adsorption equi- 
librium. 

A study of the rate of establishment of adsorption 
equilibrium of polymers at solid/liquid interfaces is of 
fundamental importance in many areas (polymer pro- 
cessing, flocculation of colloidal particles, adhesion, coating, 
etc.) From a conceptual point of view, the adsorption of 
polymers implies rate-controlling factors that are not en- 
countered with ordinary molecules. In particular, because 
of their chainlike structure, the adsorbed surface films of 
polymers are structurally similar to the surface of a gel, 
and the rate of adsorption depends not only on the 
mechanism of adherence to the surface by multiple points 
of physical adsorption but also on the rate of penetration 
of a gellike layer. Adsorption rates of polymers have been 
studied in the past.2 However, the most interesting fea- 
tures were often blurred by trivial ones (for example, mass 
transfer by diffusion of polymers to the surface, which 
depends heavily on the hydrodynamic conditions, presents 
no interest on its own). Furthermore, the experimental 
conditions were frequently such that equilibrium was 
rapidly established in a few minutes or even a few sec- 
onds3p4 and, owing to experimental difficulties, the kinetic 
parameters could not be assessed with certainty. 

In this study of the adsorption of polyacrylamide in 
aqueous solution on the surface of modified silica particles, 
the experimental conditions were chosen to ensure a cer- 
tain number of meaningful points: (i) the nature and 
density of the surface sites interacting with the polymer 
were characterized quantitatively, and one objective was 
to correlate the adsorption kinetics with the "active" site 
density; (ii) experimental conditions were chosen to min- 
imize bulk diffusion effects (very often, adsorption was 
carried out in a semiinfinite and unstirred medium by 
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Table I 
Characteristics of Glass Beads 

9i comp 
spec surface [AlOH]/ 

sample code mean diam, pm area, cm*.g-' [SiOH] 
AS0 34 7 80 0 
AS1 34 780 5 
AS2 34 780 1 2  

transferring adsorbent plates into a vessel containing the 
polymer solution); (iii) a very sensitive determination of 
adsorption was obtained via 3H labeling. 

Experimental Section 
1. Polymer. Radioactive polyacrylamide was prepared by 

radical polymerization in the presence of traces of acrolein. After 
fractionation, the resulting material was reacted in aqueous so- 
lution with tritiated potassium borohydride to yield the following 
chemical structure (details are given in ref 1): 

-( C H p  - C H )m,-( C H2 - C H )m2 

I 
CHOH 

I 
c=o 

I I 3 
H NHz 

3 
m , / q  = 10 

The characteristics of the sample used in this study are as follows: 
M, = 1.2 X lo6; polydispersity (GPC) = 1.25; specific radioactivity 
= 1.12 x lo8 counts.min-'.g-'. 

2. Adsorbents. Nonporous glass beads (Verre et Industrie) 
of 34-pm average diameter were used as the adsorbent. The 
surface was first made hydrophilic by soaking for 24 h in hot 
hydrochloric acid medium 

and was then treated with aluminum chloride in chloroform in 
order to replace some silanols (SiOH) by aluminum chloride 
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